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I. Introduction

Interest in radiation damage started about fifty years ago when the first nuclear reactors were built.
At that stage studies were mainly concerned with the change of material properties due to neutron
irradiation, as this could influence safety aspects of the reactor design. With neutrons two types of
defects are introduced into the material. Firstly, lattice atoms can be displaced by elastic collisions
and secondly, impurity atomsare introduced into thematerial by nuclear reactions. This possibility to
introduce point defects into lattices by particle irradiation makes it, of course, an attractive method
for fundamental research on defect dynamics. Energetic electrons are especially useful for such
studies. Because of the huge mass difference, they transfer a relatively small fraction of their energy
to the lattice atoms, which makes them ideally suited for determining activation energies of simple
point defects. In more recent times radiation effects in metals by heavy ions became an important
research area, as ion implantation techniques are increasingly used in modern metallurgy to create
new and useful surface properties like increased wear resistance and hardness. In the latter case
large amounts of energy are released within relatively small volumes, producing extended defect
structures by damage mechanism involving many particles.

Many of the basic mechanisms responsible for radiation damage were in principle already under-
stood in the sixties and are discussed in depth in an excellentmonograph by Thompson [1]. However,
as radiation damage can only be treated rigorously by using many-body methods, a detailed picture
of all aspects is only now slowly evolving, mainly because of the increasing availability of powerful
computers.

II. Overview of Defect Mechanisms in Metals

A. Kinematics of Binary Collisions

A point defect is created in a binary collision if sufficient energy is transferred to an atom to displace
it permanently from its lattice position. The energy transferred in an elastic collision depends on the
masses of the particles involved and the impact parameter. Maximum energyTmax is transferred in
a head-on collision and the accompanying momentum transfer is given by the relativistic expression

Pmax = 2p
M(γm + M)

m2 + 2γmM + M2
(1)

with γ the Lorentz factor. This reduces in the classical limit(γ → 1) to

Pmax = 2p
M

m + M

and

Tmax = 4mM

(m + M)2
E (2)

Herem andp refer to the mass and momentum of the bombarding particle with kinetic energy E,
whilst M is the mass of the target atom, which is assumed to be at rest. For neutrons and ions up to
an energy of a fewMeV per nucleon the classical approximation is appropriate, while the relativistic
expression must be used for energetic electrons. The corresponding fraction of energy transferred is
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Figure 1: Binary collision of a particlemwith a target atomM at rest in the laboratory system.

relatively small for largemass differences and reaches unitywhen the twomasses are alike. However,
one has to keep in mind, that most collisions occur with non-zero impact parameters. This leads to
a reduced energy transfer

T = Tmaxcos
2ψ (3)

with ψ the scattering angle of the recoiling target atom. As the recoil angle, which is a function
of the scattering potential, increases with impact parameterb (Fig. 1), the probability for collisions
with low energy transfer is high. Many interactions with large impact parameters will therefore lead
to sub-threshold energy transfers. Such events cannot create defects but will only excite phonons
which can be responsible for radiation induced annealing effects.

B. Point Defect Stability

Many computer calculations have been performed to establish the configuration of stable point
defects and the size and shape of the spontaneous recombination volume of a vacancy-interstitial
pair. The first extensive numerical machine computations were performed for thefcc system of
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copper by Gibsonet al [2]. In these calculations a crystallite of approximately 500 atoms imbedded
in an infinite perfect crystal was considered. The atoms of the crystallite were assumed to interact
with each other by a two-body repulsive Born-Mayer-type potential, which was balanced by surface
forces to simulate the binding energy, which in a metal is mainly due to the conduction electrons.
Static calculations at zero point temperature showed that the nearest neighbours of a vacancy relax
radially inward by approximately 3% of the equilibrium distance, while the second and more distant
neighbours relax slightly outward. The stable configuration for an interstitial atom was found to
be that of a symmetric dumbbell, sharing a lattice site along a<100> direction. The crowdion
configuration, which is formed by inserting an interstitial atom along the<110> chain was found to
be just unstable (Fig. 2). It decayed slowly by rotation into the<100> alignment to form the stable
dumbbell configuration. Similar calculations were performed for thebccsystem ofα-iron [3, 4].
In this case a split interstitial in the<110> direction was found to be stable, while a metastable
crowdion seems possible along the<111> direction [4]. This was confirmed by recent molecular
dynamic simulations forbcciron [5], showing that sufficiently high energy barriers exist between the
two interstitial configurations to turn crowdions at 10 K into long-life metastable states. If placed in
the stress field of either an edge dislocation or a large point defect cluster the energy levels are even
inverted, making the crowdion configuration the ground state. Furthermore thermal excitation from
dumbbell to crowdion states were predicted for isolated interstitial atoms at temperatures above 50
K. In hcpmetals the situation is more complex, as a number of different interstitial configurations
are possible. Calculations for a variety ofhcpmetals indicate that the stable configuration is either
a basal interstitial midway between two octahedral sites or a dumbbell in thec-direction, depending
on whether the ratioc/a is smaller or larger than the ideal value of(8/3)1/2 [6]. A detailed analysis
of experimental results by Frank [7] indicates furthermore the existence of a metastable non-basal
crowdion. The stability and dynamical properties of static metastable crowdions in both cubic and
hexagonal metals is the subject of a long and controversial debate, which has not yet been settled
and will be briefly discussed in chapter IV-A.

A vacancy-interstitial pair will be stable if the distance between them is large enough to prevent
spontaneous recombination due to the attractive force created by their mutual stress field. The
minimum distance required to establish a stable Frenkel defect depends on the lattice structure and
atomic potential. It is found to be strongly anisotropic with a relatively large separation of at least
four lattice sites along the densely packed<110> rows in thefcc system and<111> rows in the
bccsystem. Smaller distances are possible in other directions. All close pairs within the boundaries
of this recombination volume are unstable.

The preceding discussion of point defect stability does not take into account any thermal effects.
At temperaturesT > 0 K thermal vibrations of the lattice atoms can lead to migration of defects if
sufficient energy is supplied to overcome thepotential barrier betweenadjacent equilibriumpositions.
The jump rateν depends on the migration activation energyEM and is given by

ν = ν0exp(−EM

kT
) (4)

with ν0 ∼ 1013 s−1 the Debye frequency. Typically migration energies in the order of 1.3 eV for
vacancies and 0.15 eV for interstitials are predicted forfccmetals [8], with themigration energies for
crowdions expected to be always significantly lower than for other interstitial configurations. From
this it follows that interstitials in metals are mobile even at relatively low temperatures. During their
motion through the lattice, point defects can be annihilated by their anti-defects or at the surface,
be trapped at impurities and dislocations, or form less mobile defect clusters. The force between
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Figure 2: Schematic representation of dumbbell and crowdion configurations in the (100) plane of
anfcc lattice.
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two interstitials seems to be of the same order than between a vacancy-interstitial pair, while it is
much smaller for di-vacancies. Binding energiesEB and migration energiesEM for small clusters
in fccandbcc lattices have been theoretically investigated assuming a Born-Meyer potential [2, 9],
a Morse function [10] and a two-body central force interaction derived from elastic moduli [11].
Binding energies for interstitial clusters are high, while their migration energies are relatively low.
For di-interstitials values ofEB

2I ∼ 1 eV andEM
2I ∼ 0.3 eV are expected. The opposite trend is

found for vacancy clusters, where binding is relatively weak andmigration energies are high. Typical
values for di-vacancies areEB

2V ∼ 0.3 eV andEM
2V ∼ 0.9 eV. For both type of clusters the binding

andmigration activation energies increase with cluster size. Experimental binding energies for some
di-interstials areEFe = 0.2 eV [12],ECu = 0.6 eV andENi = 0.8 eV [13]. The energetically favoured
structures for higher order defect clusters are often planar configurations, representing vacancy or
interstitial type dislocation loops. Stable interstitial clusters can be either sessile dumbbell or glissile
crowdion agglomerates. Computer simulations [14] predict highly mobile interstitial clusters in
α-iron. However, their highly anisotropic mobilities only permit one-dimensional migration along
the close-packed<111> direction. The probability of changing migration direction to one of the
other<111> directions has been investigated for small clusters (2≤ N ≤ 4) using a semi-empirical
embedded-atom potential [15]. So far all mobile clusters inmetals obtained by computer simulations
are densely packed parallel crowdions having activation energies around 0.03 eV [16].

C. Displacement Energies

An atom will be displaced from its lattice position, if the transferred energy is larger than the sum
of the formation energies [17, 18] of a vacancy (EF

V ∼ 1 eV) and an interstitial atom (EF
I ∼ 4

eV). However, the displacement energyEd needed to move the interstitial outside the spontaneous
recombination volume of its own vacancy is significantly larger than the reversible formation energy
of a Frenkel defect. A first crude estimate of the displacement energy was made by Seitz [19], who
suggested that it should be 4 to 5 times the sublimation energy. This proved to be a reasonable value
for many metals. There are some obvious exceptions (e.g., Zn, Ag, Au) where this value is too low
[20].

Because of the non-spherical shape of the spontaneous recombination volume and also as a
result of the existence of certain lattice directions along which interstitials are transported easier
over large distances than along other directions, the displacement energyEd is strongly anisotropic.
Computer simulations predict minima for the threshold energy surface along close-packed lattice
directions. ForfcccopperEd ∼ 25 eV along the<100> and<110> chains andEd ∼ 85 eV along
the<111> chain were found [2], while forbcc iron threshold energies of∼ 17 eV for<100>,
∼ 34 eV and∼ 38 eV for<111> chains and larger energies along other directions were obtained
[3]. Analytical methods to construct threshold energy surfaces for cubic lattices have also been
undertaken [21, 22, 23, 25]. In alloys each constituent element will have its own specific energy
surface with maxima and minima not necessarily along the same crystallographic direction [24].

Empirical displacement energiesEd for metals were mainly obtained by measuring resistivity
changes due to electron irradiation at low temperatures. Other methods used were diffuse X-ray
scattering and high-voltage electron microscopy. By determining the minimum electron energy
needed to introduce radiation damage, displacement energies can in principle be extracted. The
shape of the threshold energy surface has been experimentally investigated forfccmetals [12, 26,
27, 28, 29, 30, 31, 32],bccmetals [32, 33, 34, 35, 36] andhcpmetals [31, 37] by measuring damage
rates as a function of energy and beam direction in thin foils. However, the analysis of experimental
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data is not straight forward, as displacements at an angleψ relative to the beam direction reduce
the transferred energy by a factorcos2ψ . The threshold energy for damage production along the
beam direction is therefore not necessarily related to the displacement energy along this direction.
If the displacement energy along the beam directionEd(0) > Ed(ψ)/cos2ψ for anyψ < π/2, then
an apparent threshold energy ofEd(ψ)/cos2(ψ) will be found. To determine the threshold energy
profile, a complete set of measurements covering all fundamental lattice directions is needed, which
must then be fitted simultaneously to a corresponding set of damage rate functions as discussed
by Junget al [29]. Fig 3 shows their results for copper and platinum together with the computer

Figure3: Experimental displacement energy contour of copper andplatinum togetherwith theoretical
calculations depicted by a broken line. (From reference [29].)

calculations of Gibsonet al [2] for the directions along the border of the fundamental triangle, which
is shown as an inset. The main features of minima near the<110> and<100> directions as well
as the maximum near the<111> direction is reproduced quite satisfactorily. Lowest displacement
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energies infccmetals are generally found for the<110> direction. For mostbccmetals the lowest
value is found along the<100> direction, but local minima are also found near the other two main
crystallographic directions with appreciable higher values for intermediate directions. Results for
hcpmetals are variable but often show lowest displacement energies for the densely packed<1120>
row, an appreciably higher secondary minimum near the<0001> direction and much higher values
for intermediate directions. A critical evaluation of displacement energy determinations up to 1977
is contained in Vajda’s review paper [38].

D. Displacement Collision Sequences

The minima of the displacement energies along main crystallographic directions can be explained
by the possibility of transporting energy and mass along close-packed atomic rows over relatively
large distances. It was already noted in the late fifties by Silsbee [39] that focusing collisions cause
dynamic crowdions to travel along those rows, creating interstitials at somedistance from the primary
knock-on atom [40]. Assuming hard-sphere binary collisions along an isolated atomic chain (Fig. 4),
the ratio" for small recoil anglesα of successive collisions is given by

" = αi+1/αi ∼ D/2r0 − 1 (5)

with D the distance between the centres of adjacent atoms andr0 the atomic radius. Recoil angles

Figure 4: Schematic illustration of focusing collisions along an isolated atomic row according to
reference [39].

will decrease and focusing will occur ifD < 4r0. A necessary condition is therefore a close-packed
row with relatively large interaction radii. As the hard sphere radiusr0 is effectively given by the
energy dependent distance of closest approach, it follows that focusing is only expected at rather low
recoil energies. However, in a real crystal the atomic rows are not isolated and neighbouring chains
will influence the motion of recoiling atoms. This relaxes the above condition to some extend and
leads to assisted focusing along less densely packed crystallographic orientations [41, 42]. It also
limits the length of focusons because energy is transferred to atoms of neighbouring chains. Further
energy lossesaredue to thermal and isotopic effects. Conservativeestimatesput the typical lengthof a
focuson at about 10 atomic distances. Assuming a Born-Mayer-type potentialV (r) = Aexp(−r/a)

94

D
ow

nl
oa

de
d 

by
 [

U
ni

ve
rs

ity
 o

f 
O

ta
go

] 
at

 2
0:

36
 2

5 
D

ec
em

be
r 

20
14

 



and taking 2r0 as the distance of closest approach in a head-on collision, the maximum focusing
energy for hard-sphere scattering along an isolated chain is found to be

Ef = 2Aexp(−D/2a) (6)

The hard-sphere approach does not take into account any dependence ofr0 on the impact parameterb
and cuts off all contributions forb > 2r0. This approximation overestimates focusing and modified
expressions for non-rigid collisions are discussed in references [43, 44]. Applying these corrections,
a focusing energy of 35 eV is obtained for the close-packed<110> chain in copper [45]. This
compares quite well with the value of 30 eV obtained by computer simulations [2], which also
showed assisted focussing along the less dense<100> chains at energies below 40 eV. Inα-iron
focusing is predicted by computer simulations below 28 eV along the<111> chain and below 18
eV along the<100> chain [3]. Forhcpmetals focusons are expected along the<1120> direction.

E. Collision Cascades
If a lattice atom is struck by an ion or fast neutron, the transferred recoil energy is often large enough
to enable the displaced atom to displace further lattice atoms, leading to a random multiplication
process. The energy distribution((T ) = T P (T ) for primary knock-on atoms (PKA) is strongly
biased towards small recoil energiesT as is illustrated in Fig. 5 for a variety of ions impinging on a
silver target [46]. The probability for them to be involved in secondary elastic collisions is therefore
quite high. As furthermore the conditions for energy transfer is optimal between atoms with equal
masses, the energy of the PKA will be relatively fast distributed between many atoms in a small
volume. Aftert ∼ 10−13 s the collisional stage comes to an end, when the kinetic energies of all
moving atoms in the cascade region have dropped below the displacement energyEd . Typically
less than 20% of the original PKA energy has than been used up in defect creation. At this stage
the defect configuration consists of a depleted core zone with an average vacancy concentration of
approximately 10%. The interstial atoms have mainly been transported to the peripheral region by
displacement collision sequences; those left in the core region have a very small survival probabilty
due to the high local vacancy density.

The relatively large fraction of the PKA’s kinetic energy left in the cascade zone will lead to
local heating, starting the second stage of cascade evolution, which is often referred to as the thermal
spike phase. Whether any significant rearrangement of the depleted zone’s defect structure occurs
during this stage depends largely on its lifetime. This is primarily a function of the cacade size,
the thermodynamic properties of the material within and without the cascade zone as well as the
ambient temperature of the surrounding undisturbed lattice. First estimates by Seitz and Koehler
[47] led to lifetimes oft ∼ 10−12 s, which is generally assumed to be short enough to prevent
appreciable defect rearrangement by vacancy migration. That this is not necessarily always the case
has been shown by molecular dynamic simulation studies of the thermal stage in copper [48, 49].
For small cascade sizes (10 - 20 A) and fast cooling rates similar lifetimes as mentioned above
were obtained, resulting in an overheated solid body without significant modification of the defect
structure. However, for larger cascades (50 - 100 A) and slow cooling rates lifetimes an order
of magnitude longer were calculated. In this case local melting and recrystallization occurs with
significant changes of the defect configuration. As a result of the large temperature gradient within
the cascade zone, vacancies move to the core region forming large vacancy clusters or voids. Further
studies of void annealing make its transformation during this stage into a vacancy type dislocation
loop a distinct possibility.
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Figure 5: Energy spectrum of primary recoil atoms calculated for different ions bombarding a silver
target. (From reference [46].)

The final and third stage in cascade evolution is the relaxation phase, lasting up to 10−7 s,
when defects mobile at ambient temperatures either escape from the cascade region or transform
to lower energy configurations. At room temperature it is therefore expected that during this phase
all mono-interstials have either been annihilated or have formed interstitial clusters, while not much
will change for implantations atTi < 10 K.

The defect density in a cascade depends on themass of the lattice atoms. For a given PKA energy
rather open defect structures are expected in light targets, while a dense damage network is typically
for heavy target materials. The differential cross sectionκ(E, T ) for transferring recoil energyT
to a target atom from an ion with energyE can be calculated for a given interaction potential. If
furthermore the damage functiong(T ) is defined as the number of defects produced by a PKA with
recoil energyT , then the damage cross section is given by:

σD(E) =
∫ Tmax

0
g(T )κ(E, T )dT (7)
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and the damage rate in displacements per atom (dpa) and per unit time by:

G = σD(E)φ (8)

with φ the ion flux. The atomic potentials are well known andκ(E, T ) can be calculated quite
accurately. This is unfortunately not the case for the damage functiong(T ). A first estimate of the
damage function was obtained by Kinchin and Pease [50], assuming hard sphere scattering:

= 0 (T < Ed)

g(T ) = 1 (Ed < T < 2Ed)

= kT /(2Ed) (T > 2Ed)

(9)

The first of these three equations simply states that recoil energies below the displacement energy
Ed will not result in any defect, because the struck atom cannot escape from its position. The other
two equations can be intuitively understood by realizing that a moving atom needs at least twice the
displacement energy to displace an atom from its position and still retain enough energy to escape
from the created vacancy. If this is not the case, only replacement takes placewithout formation of an
additional defect. The factork in the third equation was originally taken as unity. But in themodified
version, which corrects for the somewhat unrealistic hard sphere approximation [51, 52, 53], a value
of 0.8 is generally used. The above treatment does not take into account the possibility of point
defect annihilation by their anti-defects in the dense damage structure of the cascade core. It also
neglects inelastic scattering, which becomes an important energy-lossmechanism at higher energies.
In order to correct for the latter, an ionization energyEC is sometimes introduced [54] to replaceT
in the third equation wheneverT > EC . This limits the number of displacement collisions above a
sharply defined transition energy, which is a rather artificial procedure to describe the continuously
increasing importance of electronic excitation and ionization at higher energies. A more satisfying
approach by Norgett,et al. [53] replacesT by T ′ = T− < Q > with <Q> the average electronic
energy loss in the cascade:

g(T ) = 0.8(T− < Q >)

2Ed

(10)

However, despite these refinementsof the theory, other simplifications like theneglectionof annealing
effects during the late stages of cascade evolution and the possible melting of the cascade core, lead
generally to an overestimation of the damage function by the Kinchin-Pease approach. This becomes
more serious with increasing ion mass.

The damage efficiencyξ , defined as the ratio of the experimentally observed number of defects
and that predicted by the modified Kinchin-Pease formula (eq. 9), has been determined for a variety
of ion-target combinations and energies [46, 55, 56]. The results indicate that the efficiency decreases
monotoneously fromapproximately unity for recoil energies just above the thresholdenergy, reaching
an almost constant value ofξ ∼ 0.3 for energies above a few keV. Relatively good predictions of the
damage function are obtained with an empirical power law [16]

g(T ) = AT m (11)

with T given in keV and constantsA ∼ 5 andm ∼ 0.75, depending weakly on material and
temperature. Data obtained from molecular dynamic simulations for some pure metals and an alloy
at 100 K agree very well with this equation as illustrated in Fig. 6. Also shown is the prediction

97

D
ow

nl
oa

de
d 

by
 [

U
ni

ve
rs

ity
 o

f 
O

ta
go

] 
at

 2
0:

36
 2

5 
D

ec
em

be
r 

20
14

 



by the modified Kinchin-Pease model, including the correction for inelastic scattering (eq. 10).
The results show a decreasing Frenkel-pair production efficiency with increasing PKA energy. The
above equation does not include intersite defects in the ordered alloy that become more important
at higher energies and can be described by a similar power law. For higher crystal temperatures
the efficiency for Frenkel-pair production gradually decreases, while the number of created antisite
defects in ordered alloys increases.

Figure 6: Comparison of the Frenkel-defect production as a function of PKA energy T determined
by computer simulations and equation 11. The solid line marked NRT shows the result of equation
10. (From reference [16].)

A satisfactory theoretical treatment of the collision cascade is difficult because the processes
involved are non-linear many-body interactions. However, the initial phase, when only a few par-
ticles are in motion and energies are relatively high, can quite satisfactorily be treated by assuming
isolated binary collisions with stationary atoms only. Beeler [57] applied this method to calculate
displacement efficiencies forα-iron, copper and tungsten. The results show displacement efficien-
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cies to be a decreasing function of the PKA energy, in contrast to the constant value predicted by the
Kinchin-Pease model. According to these calculations energy dependence is predominantly caused
by point defect annihilation as a result of defect interference, while channeling plays only a minor
role. This approach is also applied in the widely used computer code MARLOWE [58], which
simulates displacement cascades in crystalline solids by assuming a conservative central repulsive
force acting between atoms. Either a Born-Mayer potential or the Moliére approximation of the
screened Coulomb potential is used. Uncorrelated recombination of point defects, which should
be an important effect in the highly disturbed core region of the cascade, is taken into account by
applying a realistic vacancy-interstitial separation criterion. The number of stable Frenkel defects
obtained by this procedure is significantly reduced if compared with the modified Kinchin-Pease
estimate; but the calculated damage efficiency is still approximately twice as large as experimentally
found [59]. A modified binary collision approximation algorithm [60], aiming at a better ordering
of the collisions in time, reduces this discrepancy to some extent, especially for heavy target atoms.

All binary collision models predict a vacancy rich core with the interstitials moving to the
peripheral region of the cascade. Monte Carlo calculations [61] have shown that about 80% of
the interstitials escape from the cascade, some of them forming small clusters (2≤ N ≤ 4). The
remaining 20% interstitial atoms are annihilated in the core region. This is in qualitative agreement
with experimental results and is obviously a development already taking place during the early stages
of cascade evolution. The extremely popular TRIM code [62], which assumes an amorphous solid,
is based on the binary collision model. In order to achieve high computing efficiency and speed, it
makes use of a randomized impact parameter distribution and a simplified procedure to select free
flight path lengths between individual collisions. However, as the damage function is calculated by
means of the modified Kinchin-Pease formula, allowing for electronic energy losses only, it tends to
overestimate the number of point defects.

Realistic values of the damage function have up to now only be obtained by molecular dynamic
simulations, which follow cascade development from the initial ballistic phase into the final stage
when the affected region has been completely thermalized. These calculations proceed in real time
by simultaneously solving Newton’s equations of motion for all atoms involved, enforcing suitable
boundary conditions to ensure the continued cohesion of the crystallite. Non-linear effects due to
collisions betweenmoving particles and the changing target structure are therefore largely taken into
account. The large volume of computational steps, however, make molecular dynamic simulations
extremely slow compared with binary collision calculations. Only a limited number of individual
cascadescanbe investigated, leading to results, whichmight not alwaysbestatistically representative.
The respective strengths and weaknesses of these two different approaches are critically discussed in
review articles by Andersen [63] and Smith andWebb [64]. The first molecular dynamic calculations
were limited by available computing power to energies of a few hundred electron volts [2, 3], which
is not sufficient for cascade development and was therefore only used to investigate relatively simple
defect configurations. However, withmoderncomputers that cananalyzecrystallites containingmore
than 105 atoms, PKA energies of up to 50 keV can be treated [65]. Molecular dynamic simulations
of displacement cascades with energies of a few keV indicate that local melting occurs in the central
core. The lifetime of this molten state is of the order of several picoseconds, leading to large scale
atomic mixing in this region. Most of the Frenkel pairs created within this region during the early
ballistic phase recombine, a process which had already been predicted by Brinkman more than forty
years ago [66]. Only those interstitials survive, which have been transported out of this region by
replacement collision sequences, while the remaining vacancies tend to form clusters in the core
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region. The final damage function is therefore mainly determined by the size of the thermal spike
region and the average length of replacement collision sequences. Molecular dynamic simulations
[67] predict defect efficiencies in copper ofξ ∼ 0.3 for a 5 keVcascade in reasonable agreement with
experimental results [55]. However, the experimentally observed formation of vacancy dislocation
loops, which are assumed to be the result of cluster collapse, has not been reproduced. Furthermore,
as the density during the thermal spike phase is considerably lower in the core region than in the
surrounding material, severe stress gradients are generated in the peripheral zone. This might lead to
secondary damage mechanisms beyond the cascade region, which is not accounted for by standard
molecular dynamic simulations.

To describe the final stage of the collision cascade, when the initial recoil energy of the PKA
has been distributed between many particles, classical heat transport calculations combined with
chemical rate theory has been employed as a first approximation [68]. However, because of the
spatially inhomogeneous energy distribution generally encountered in collision cascades and the
anisotropic character of most solids, only qualitative information can be expected from such a
treatment. A different approach combines binary collision calculations with classical quenching
dynamics tomodel the relaxationphase [69], which, however, doesnot take intoaccount the thermally
enhanced recovery of the cascade region. Recently the evolution of defect structures during the
relaxation phase has been modeled by a hierarchical combination of molecular dynamic and kinetic
Monte Carlo methods [70, 71].

F. Void and Bubble Formation

The formation of non-planar vacancy agglomerates are observed in most metals and alloys after
irradiation with high fluences of energetic neutrons [72, 73, 74, 75] or heavy ions at a temperature
range of 0.3Tm >∼ Ti >∼ 0.6Tm, whereTm is the absolute melting temperature. Formation of these
defects always leads to swelling and has therefore important consequences regarding themechanical
properties ofmaterials. Anexcellent reviewonvoid formation in irradiatedmetals hasbeenpublished
by Norris [76, 77].

In the case of fast neutrons voids normally start to occur at doses above 1019 n cm−2, which
corresponds to a displacement dose above 10−2 dpa. Void formation has not been observed after
high energy electron irradiation of pure annealed metals, although void growth in the vicinity of
dislocations occurs in samples which previously have been bombarded with heavy ions [78, 79, 80].
Voids after electron irradiation were also observed in samples containing oxygen impurities [81].
Obviously, suitable nucleation centres are prerequisites for void formation that under favourable
conditions can subsequently grow into larger defect structures by vacancy capture. Nucleation seems
to take place either near gas atoms, which prevent the collapse of vacancy clusters into dislocation
loops, or at regions of super-saturated vacancy densities as found in the core region of collision
cascades.

Energy considerations [82] indicate that infccmetals voids should be the favoured defect config-
uration whenever the ratio of surface free energy to stacking fault energyγ /2 <∼ 10, while for larger
ratios stacking fault tetrahedra are the preferred vacancy type defects. One would therefore expect
that voids should be the most stable vacancy cluster in many metals. However, at low implantation
temperatures faulted and unfaulted vacancy dislocation loops are generally observed with voids only
appearing at higher temperatures [83]; indicating that defect kinetics plays a decisive role. Appar-
ently, conditions conducive for void formation are sufficiently high vacancy mobilities combined
with the presence of biased sinks for interstitials, leading to an oversupply of mobile vacancies. The
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first condition is satisfied at an irradiation temperature ofTi >∼ 0.3 Tm, while the last mentioned
condition is the reason why voids only appear after high dose irradiation. This normally leads in
metals to a dense dislocation network which serves as an efficient trap for interstitials. Without
an excess of vacancies, voids could not grow and those already existing would shrink due to the
preferential absorption of interstials. The fact that voids do not develop at irradiation temperatures
Ti >∼ 0.6Tm is due to an increased emission probability of vacancies from voids combined with a
more efficient radiation-induced annealing effect, which reduces the dislocation density.

Gas-filled bubbles are often observed after high-dose irradiation with inert gas ions. This phe-
nomenon is of great technological importance to the nuclear industry because of the high doses of
helium ions occurring as transmutation products in fission reactors and fusion facilities. Helium
bubbles can cause metal embrittlement in structural components and may furthermore result in sur-
face blistering and exfoliation. A great deal of research has therefore been done on helium in metals,
much of which was reported at a topical symposium in Jülich [84] and was previously reviewed by
Donnelly [85].

Bubble formation does not depend on mobile vacancies and can, unlike voids, be observed at
relatively low temperatures. It is assumed that normally bubbles are initiated by consecutive capture
of implanted gas atomsI by a vacancyV, leading to the formation of a defect-impurity complexV In.
Whenn reaches a critical number, the stress induced in the surrounding lattice can be reduced by the
emission of an interstitial atom, which in turn allows the capture ofmore impurity atoms. Repetitions
of this process eventually results in bubbles consisting of a number of vacancies filled with many
gas atoms. At higher temperatures bubble formation can also proceed by agglomeration of mobile
impurity-vacancy complexes [86]. Furthermore, the initial nucleation process can occur by a self-
trapping mechanism, which does not depend on the availability of a vacancy [87]. In this case the
vacancy is supplied by the spontaneous creation of a Frenkel pair in the stress field of a small cluster
of interstitial impurity atoms. At high implantation temperatures (Ti >∼ 0.5 Tm), when abundant
mobile vacancies are available, the bubbles will be in thermal equilibrium with the surrounding
lattice and their gas pressure is approximately balanced by the surface tension 2γ /r. For typical
bubble sizes this pressure is extremely high, leading to atomic densities far above that of the liquid
phase. For example, a pressure of about 10 GPa has been estimated for a helium bubble with a radius
of r ∼ 1 nm in a nickel lattice [88]. Even higher pressures occur at low implantation temperatures,
when bubbles are formed by athermal processes. This is expected to occur at a temperature range
below 0.15Tm, where self-interstitials and gas atoms are sufficiently mobile but vacancies are not
[89]. If the supply of gas atoms is maintained, the pressure will eventually exceed the stability limit
p ∼ (2γ + µb)/r, whereµ is the shear modulus of the matrix material andb the magnitude of
the Burgers vector of dislocation loops. The accompanying stress field will then lead to further
bubble growth by the emission of interstitial dislocation loops [90]. A process generally referred to
as loop punching. As this mechanism is energetically more favourable than the emission of single
interstitials, it will be the preferred athermal growth process for bubbles having surpassed a critical
size. Tables of theoretical values for the expected pressure in helium bubbles for thermal equilibrium
and athermal growth conditions are given in reference [85] for a variety of metals and bubble sizes.
At the extremely high pressures calculated, no gas phases are expected for any of the rare gases.
This is in accordance with experimental investigations, which for example revealed solid phases
for argon and xenon and a liquid phase for neon in overpressurized bubbles after room temperature
implantations into aluminum single crystals [91].
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III. Stopping of Particles in Matter

A. Stopping of Electrons

Energetic electrons are losing energy inmatter by inelastic interactionswith target electrons, radiative
processes and elastic collisions with target atoms. At energies below a few MeV atomic excitation
and ionization is by far the most important stopping process, while emittance of bremsstrahlung
becomes the dominant energy loss mechanism above an energy ofE ∼ 1600mc2/Z [92]. The
energy lost by inelastic electron scattering will eventually be transformed by the electron-phonon
interaction into heat, which might lead to annealing effects. With very intense electron beams even
surface melting is possible. Displacement of target atoms can only be achieved by elastic scattering
of the electrons by the Coulomb potential of the nuclear charge Z. The differential cross section for
such interactions as a function of the atomic recoil angleψ is approximately given by [93]:

dσ

d6
= (

Ze2

mc2
)2

(1− β2)

β4cos3ψ
[1− β2cos2ψ + πZe2β

hc
cosψ(1− cosψ)] (12)

with β the ratio of the electron velocity and the velocity of light. The cross section increases strongly
with recoil angle, favouring forward scattering of electrons with small energy transfers to lattice
atoms. Therefore electron irradiation leads mainly to the creation of isolated Frenkel pairs.

B. Stopping of Ions

Ions lose energy by elastic atomic collisions, which might displace a lattice atom, and by inelastic
collisions with electrons. In metals the inelastic electronic collisions will either excite shell electrons
into the conduction band or heat the electron gas. Except for very high electronic energy loss values
(|dE/dx|e>∼ 10 keV/nm) neither of these processes leads to radiation damage, as the excess energy
contained in the Bloch electron states will be quickly distributed within the electron gas and will
eventually be transformed into thermal energy by the electron-phonon interaction. For charged
particles at high velocities, energy loss is dominated by such inelastic electronic processes, while
atomic collisions are only important at relatively low ion velocities.

The relative importance of electronic and nuclear stopping at a particular energy depends on the
ion-target combination and can best be expressed as a function of the dimensionless reduced energy
ε and reduced rangeρ:

ε = E
aM

zZe2(m + M)
(13)

ρ = 4πRNa2
mM

(m + M)2
(14)

with E the ion energy,a the Thomas-Fermi screening radius,zZe2 the charge product of the ion
and target nucleus,R the range andN the atomic target density. By introducing the dimensionless
quantityt = ε2T/Tmax , Lindhardet al [94] obtained for nuclear stopping the universal form

sn = −dε

dρ
= 1

ε

∫ ε

0
f (t1/2)d(t1/2) (15)
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which is independent of the ion-target combination. The functionf (t1/2) depends on the form of
the screened potential. Electronic stopping at low ion velocitiesv has been treated by Lindhard and
Scharff [95]. It assumes a particularly simple form in reduced units forv < v0z

2/3:

se = −dε

dρ
= kε1/2 (16)

with v0 the Bohr velocity. However, this does not lead to universal stopping powers, ask depends on
the ion-target combination. Electronic stopping reachesamaximumatv ∼ v0z

2/3whichcorresponds
approximately toε ∼ 103. At higher energies electronic stopping is described by the Bethe-Bloch
formalism [96, 97] in terms of the stopping number L defined by:

−dE

dx
= 4πz2e4

mv2
NZL. (17)

For a review of ion stopping theory the reader is referred to references [62, 98, 99, 100, 101].
Nuclear and electronic stopping powers are plotted in Fig. 7 for the reduced energy range 0.01<

ε < 100. Nuclear stopping, which reaches a maximum atε ∼ 0.3, has been computed by assuming
a Thomas-Fermi potential while electronic stopping was calculated by using equation 16 for rare
gas ions in a copper target. As only atomic collisions are responsible for defect creation in metals at
low andmedium energies, nuclear stopping powers determine to a large extend the radiation damage
density. Fig. 8, which shows the stopping powers of Fig. 7 in practical units, illustrates the shift of
the maximum of nuclear stopping to higher energies and its simultaneous growth with increasing
ion charge and mass.

The stopping of fast light ions is mainly determined by a very large number of minute energy
transfers due to forward inelastic scattering. The statistical fluctuations of the total energy-losses
suffered by individual particles are therefore relatively small. After penetrating matter, the energy
distribution of an initially mono-energetic ion beam has an approximately gaussian shape with a
straggling width increasing roughly proportional with the square root of the total energy loss. For
energies below the Coulomb barrier, which is typically for most radiation damage applications,
particles are only removed from the beam by large angle scattering events. For higher energies,
nuclear reactions can occur; but their contributions to the total interaction cross section is negligible,
leaving the beam intensity practically constant until eventually the ion velocities are so far reduced
to enter the final stage of almost pure nuclear stopping.

C. Stopping of Neutrons

In contrast to charged particles, which lose energy during their passage through matter by long-
range Coulomb interactions, neutrons interact via the short-range nuclear potential. This interaction
leads either to scattering events or nuclear reactions. Scattering results in energy-loss, while nuclear
reactions attenuate the neutron beam intensity. Because of the relatively small interaction cross-
section of fast neutrons with the nuclear potential, some of them can penetrate quite deeply into
matter without losing any energy. The energy spectrum as a function of target depth will therefore
exhibit an increasing fraction of low energy neutrons together with a decreasing component of
neutrons with the original energy. After penetration of a layer thicknessx the intensity of this latter
component is given by:

I (x) = I0exp(−σtNx) (18)
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Figure 7: Nuclear stopping power as a function of reduced energy together with the electronic
stopping powers for rare gases in copper.
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Figure 8: Nuclear and electronic stopping powers for rare gases in copper.
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with I0 the initial neutron beam intensity andσt (E) = σs(E) + σr(E) the energy dependent total
interaction cross section. The scattering cross sectionσs includes elastic and inelastic contributions,
while the reaction cross sectionσr includes capture, fission and other nuclear reactions.

At relatively low energies, total cross sections often exhibit strong and sharp resonances, which
depend on the internal structure of the nucleus. Although cross sections vary strongly for different
target atoms, the average cross section for neutron capture shows a 1/v relationship for energies
up to approximately 100 keV, withv the neutron velocity. The average behaviour of the elastic
scattering cross section up to an energy of approximately 2 MeV can be qualitatively described by
hard-sphere scattering, which is dominated by the isotropic s-wave contribution at neutron energies
up to approximately 100 keV. Themean energy transferred to the recoiling nucleus is relatively high.
At higher neutron energies higher order partial waves become important, leading to pronounced
forward peaking of the differential scattering cross section (Fig. 9) with a corresponding decrease of
high energy recoils. At energies above 2 MeV an increasing number of possible reaction channels,
including inelastic scattering events, have to be taken into account and average elastic cross sections
can only be described by a Woods-Saxon type optical potential [102].

If the total cross section is dominated by elastic scattering, which is usually the case in typical
radiation damage experiments with fast neutrons, energy loss can be approximated [54] by:

−dE

dx
∼ 2Nσt

M
E (19)

leading to typical ranges of a few centimeters for 100 keV neutrons.

IV. Defect Structures in Metals Due to Particle Bombardment

A. Radiation Damage with Electrons

Irradiation of metals with electrons at energies above the displacement threshold were extensively
used in early studies to obtain information on simple point defect creation and their interactions with
each other. The primary defect created by a fast electron is a Frenkel defect, i.e. a vacancy-interstitial
pair. As interstitial atoms may have rather low migration energies, measurements were performed
at low temperatures, typically at 10 K.

Defect densities were normally determined by electrical resistivity measurements. Information
on the type of defects present and the evolution of the finite damage structure is obtained by anneal-
ing curves and by observing the time dependence of the electrical resistivity recovery. However,
interpretation of electrical resistivity change?ρ must be treated with care as the contribution of in-
terstitials in trapped or cluster configurations need not be the same as in a Frenkel pair. Furthermore,
the order of the rate equation is only approximately constant for a given annealing mechanism.

Fivemainannealing stages [105], which inmost casesexhibit substages, aregenerally observed in
metals (Fig. 10) andare interpreted as being due to the recovery of different defect types. Anexcellent
review of the results forfccmetals is given by Schillinget al. [106] and forhcpmetals by Frank
[7]. Although general consensus has been reached on most aspects of the mechanisms responsible
for the different annealing stages and substages, there still rages an over 30 year old controversy
about the question whether only one or two different interstitial configurations are involved. The
one-interstitial model assumes that only the dumbbell configuration needs to be considered [107],
while proponents of the two-interstitial model believe that static crowdions are also playing a role
[108, 109].
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Figure 9: Differential cross sections for elastic neutron scattering on lead for energies of 1.0, 3.7,
5.0 and 14.5 MeV. The experimental data points are taken from references [103] and [104].

Stage I annealing occurs for most metals between approximately 15 and 60 K. Notable exception
are iron and gold. In iron this stage appears at the relatively high temperature range of 100 to
120 K, while in gold Stage I annealing seems to be completed below 20 K despite relatively high
defect retention. In Stage I, which is normally divided into 5 substages (Fig. 11), recombination of
interstitial-vacancy pairs takes place. The first threeSubstages IA, IB and IC are due to recombination
of close Frenkel pairs with different crystallographic orientations, which recombine in a single step
under influenceof theirmutual attractive stress field. Thepopulation of these three substages depends
on the electron energy and their activation energies are typically of the order of 0.1 eV. Impurity and
dose rate has little influence on close pair recovery. In some materials (Ag, Al and Ni) Substage IA

is missing.
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Figure 10: Isochronal recovery curve of electron irradiated copper. (From reference [105].)

The two higher Substages ID and IE are believed to be associated with recombination after free
migration of interstitial atoms with their own vacancy (correlated recombination) and an unrelated
vacancy (uncorrelated recombination) respectively. Free migration processes which result in un-
correlated recombination will, however, also lead to agglomeration of interstitials or trapping of
interstitals at impurities and dislocations. It is expected that interstitials survive after Stage I mainly
as di-interstitials or as interstitial-impurity complexes. The position and strength of Stage IE is
therefore depending on dose rate and impurity concentration. Stage IE shifts to lower temperatures
with increasing dose rate due to the higher defect density, which decreases the mean number of
jumps necessary for annihilation with an unrelated vacancy. High impurity levels or dislocation con-
centrations lead to suppression of Stage IE due to trapping of mobile interstitials. A similar effect
occurs at very low damage concentrations, when all interstitials escaping correlated recombination
will be trapped by impurities. Both effects lead to a higher retention of defects above Stage I, while
quenched-in vacancies reduce defect retention.
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Figure 11: Stage I recovery spectrum of electron irradiated copper. (From reference [106].)

According to the two-interstitial model only metastable crowdions are involved in Stage I re-
covery, while the stable interstitials will only anneal at Stage III. This assumption implies that only
crowdions are produced by electron irradiation, because otherwise the observed almost total defect
suppression at irradiation temperatures above Stage I but below Stage III for prequenched samples
cannot be understood. Thermal conversion to the stable interstitial, which is immobile below Stage
III, is believed to be a result of crowdion-interstitial or crowdion-impurity interaction. Critics of this
model argue that it should predict the disappearance of Substage IE at low defect concentrations, as
the restriction of crowdions to migrate only one-dimensionally (<110> in fcc) should force them
to recombine with their own vacancies. However, initially defocussed replacement sequences might
invalidate this argument.

A Stage III annealing peak at temperatures between 200K and 600K, which shows the charac-
teristics of a freely migrating defect, has been generally observed in all metals. This peak shifts
to lower temperatures with increasing dose. The one-interstitial model assumes that this is due to
freely migrating vacancies which annihilate with trapped interstitials or interstitial clusters. This
view is supported by the fact that activation energies extracted from these annealing peaks for pure
aluminum, platinum and possibly gold agree with those obtained for vacancy migration in quench-
ing experiments. Defect retention above Stage III is negligible in these three metals. For copper,

109

D
ow

nl
oa

de
d 

by
 [

U
ni

ve
rs

ity
 o

f 
O

ta
go

] 
at

 2
0:

36
 2

5 
D

ec
em

be
r 

20
14

 



silver and nickel activation energies obtained for Stage III are lower than expected from quenching
experiments, which might be explained as a strain field effect of interstitial complexes [110].

However, there are many experimental results which are difficult to explain within the one-
interstitial model. One of the problems is presented by gold, where sub-stages ID and IE have never
been found. In the frame-work of the one-interstitial model one has to make the somewhat unlikely
assumption, that the reaction radius for interstitial-interstitial trapping in gold is large compared to
interstitial-vacancy recombination. Alternatively it could be explained by the two-interstitial model
by assuming that only the dumbbell configuration, which is immobile at Stage I, exists in gold.
Furthermore, annealing of prequenched electron irradiated samples often show two Stages III and
IV, which both exhibit characteristics of freely migrating defects and leading to activation energies
for Stage IV in agreement with those expected for vacancy migration. Such stages were observed in
fccmetals copper, silver, nickel and lead [111], where the activation energies for Stage IV agree with
the activation enthalpies for vacancymigration as obtained from thermal-equilibriummeasurements.
A similar result was found forα-iron, where Stage III annealing is attributed to three-dimensional
interstitial migration with enthalpyHM

I = 0.5 eV, while Stage IV at 500 - 580 K is again assigned
to vacancy migration with aHM

V = 1.28 eV in agreement with thermal equilibrium measurements
[112]. These results support the two-interstitial model, which assumes free migration of the stable
dumbbell interstitial in Stage III and vacancy migration in Stage IV. Further support for this model
comes from the study of the annealing behaviour of beryllium doped copper samples, which has been
electron irradiated at temperatures just below Stage III [113]. The damage annealing during Stages
III and IV for different irradiation doses is shown in Fig. 12. The increasing importance of Stage
IV at the expense of Stage III at higher fluences is in agreement with the expected reduction of the
concentration of interstial atoms due to an enhanced clustering probability. In a recent review article
by Schüle [114] the existing experimental support for the two-interstitial model is summarized.

During electron irradiation only interstitials and vacancies are created, which are homogeneously
distributed in space. The low energy transfer during an electron-atom interaction prevents the
development of collision cascades and no defect clusters are therefore produced directly. Defect
agglomeratation is a secondary process due to migration of point defects. In the case of interstitials,
this process leads always to dislocation loops; while vacancies can also arrange themselves into
voids or stacking fault tetrahedra [115]. During irradiation thermally activated point defect diffusion
competes with radiation-induced diffusion. As far as the first process is concerned only interstitials
are mobile at low temperatures. Their migration speed through the lattice is given by:

u = νd = ν0dexp(−EM
I

kT
) (20)

with d being the distance between adjacent interstitial sites. In pure metals this will lead to either
(a) annihilation with vacancies,
(b) creation of di-interstitials, which is the first step of loop nucleation,
(c) absorption by an existing interstitial loop, leading to its growth.
In doped metals a fourth possibility is the capture of a migrating interstitial by an impurity

atom [116]. At the early stages of the irradiation (nucleation time) the processes (a) and (b) are
dominating and an increase of the loop concentration is observed. At a later stage (growth time) the
high vacancy and loop density is such an efficient sink for interstitials that process (b) becomes very
unlikely and only processes (a) and (c) are important. Therefore, loop growth is then expected with
the loop density reaching a saturation value. For the case restricted to interstitial agglomeration only,
simple chemical reaction rate analysis can be employed to estimate the asymptotic loop concentration
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Figure 12: Stages III and IV recovery curves of beryllium doped copper for electron irradiation doses
of (a)∼ 10−6 dpa, (b)∼ 3× 10−6 dpa and (c)∼ 10−5 dpa. (From reference [113].)

[117, 12]

c∞ = 0.7(
G

νo
)exp(

EM
I

2kT
) (21)

with G the interstitial generation rate per unit volume and time. If nucleation is impurity driven the
final loop concentration is given by:

c∞ = 2.6(
cKG

νo
)exp(

EM
I + EB

I

2kT
) (22)

with cK the impurity concentration andEB
I the binding energy of an interstitial by an impurity atom.

At higher temperatures the situation becomes more complex as vacancies and defect clusters also
become mobile, which will lead to a reduction of the final defect concentration. At high enough
temperatures, which depend on the electron flux, no defect accumulation will occur. The above
predictions are significantly modified if radiation-induced migration of point defects is also taken
into account, as this allows the migration of both interstials and vacancies at low temperatures. This
mechanism can be direct by transferring sufficient recoil energy to either an interstitial or an atom
next to a vacancy, or indirect by creating a close Frenkel pair within the spontaneous recombination
volume of an existing point defect, which then annihilates with his newly created anti-defect. One
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consequence of radiation-induced migration is the development of vacancy clusters independent of
the temperature, which eventually limits the growth of interstitial loops.

Experimental results, which were mostly obtained for thin foils in high energy electron mi-
croscopical studies, confirm these predictions if surface effects are properly taken into account
[118, 119]. As the electron flux in a microscope is extremely high (φ ∼ 1019 e cm−2s−1), nu-
cleation time is normally much shorter than the observation time and results obtained are those
pertaining to the growth time. In one of the first investigations [120] it was observed that dislocation
loops are formed at room temperature in copper and aluminum, which grow in size with continued
irradiation, while the loop density remains constant. Temperature dependentmeasurements [13, 121]
show furthermore that loop densities decrease with increasing temperature and finally drop to zero.

Effects of irradiation-induced migration in lead were observed with high doses at temperatures
below Stage III [122]. With increasing irradiation time the growth rate of interstitial loops was
continuously decreasing until their average size reached a maximum — after which they started
to shrink and eventually disappeared. Approximately at the time when interstitial loops reached
their maximum size, vacancy clusters started to appear as stacking fault tetrahedra. The initial
growth phase, during which only interstitial clusters appear, is due to the faster migration speed for
interstitials than for vacancies, which only start to agglomerate after the density of interstitials has
dropped sufficiently below that of vacancies. A state of equilibrium is then expected after which
both cluster types should develop simultaneously. As the surface is a much more efficient sink
for interstitials than for vacancies, shrinkage of interstitial loops is actually observed at high doses
in high-voltage electron microscopical studies with thin foils. Because the migration energies are
relatively low, irradiation-induced migration of interstials and vacancies in pre-damaged samples
can also occur during bombardment with sub-threshold energy electrons, an effect which must be
thoroughly taken into account during any electron microscopical investigation of radiation effects.

If metals are irradiated with high energy photons, similar defect structures are observed due
to photo-electrons and Compton scattering. The latter produces recoil electrons with a maximum
energy of:

E = 2E2
γ

2Eγ + mc2
(23)

in the forward direction, which amounts to energies in the region of 1 MeV for a60Co source. The
photo-effect is the dominant mechanism at low energies (Eγ < 500 keV) but becomes negligible
compared to theComptoneffect at higher energies. Atmuchhigher energies (Eγ > 5MeV) electron-
positron pair creation is dominating. However, the relative importance of the different mechanisms
depends strongly on the atomic number of the target atoms [123].

B. Radiation Damage with Neutrons

Neutron irradiation can cause lattice defects by either nuclear reactions or scattering processes.
Nuclear reactions are responsible for damage by thermal neutrons; while scattering is an important
source of damagewith fast neutrons. The resulting defect structures are vastly different; ranging from
isolated Frenkel defects produced by radiative neutron capture, to large displacement cascades after
high energy scattering events. However, displacement cascades can also be the result of energetic
fission products, which furthermore, likemost nuclear transmutations, introduce impurity atoms into
the lattice.
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Neutron capture reactions, which usually leave the compound nucleus in a highly excited state,
have often very large cross sections at thermal energies. The de-excitation by high energyγ -radiation
transfers a recoil energy

T = E2
γ

2Mrc2
(24)

to the atom withEγ the energy of the emittedγ -ray andMr the mass of the recoiling compound
nucleus. Typically, this is of the order of a few hundred eV, which is sufficient to create a couple
of Frenkel pairs. As typicalγ -ray spectra of (n,γ ) reactions are rather complex, recoil energies are
usually spread over a considerable energy range. The average energy is nevertheless higher than
obtained with electron beams, where low energy transfers dominate by far.

The recovery of (n,γ ) damage after thermal neutron irradiation at low temperatures resembles to a
large extent that obtained after electron bombardment [124]. However, additional close-pair recovery
peaks below Substage ID are observed [125], which might be due to the population of interstitial
positions requiring higher displacement energies than those responsible for thewell knownSubstages
IA, IB and IC . Furthermore, damage retention above Stage ID is higher than observed after electron
irradiation, while the magnitude of substages preceding ID is significantly reduced. Both these
features indicate larger average separations of Frenkel pairs due to higher mean recoil energies.

The energy spectrum of recoiling atoms after fast neutron irradiation (En > 0.1 MeV) is usually
quite complex due to contributions of both elastic and inelastic scattering processes. The maximum
energy which can be transferred is approximately given by:

Tmax ∼ 4En

M
(25)

and displacement of lattice atoms can therefore be expected for neutron energiesEn >∼ MEd . The
mean recoil energy is much closer to the maximum transferable energy than in the case of charged
particles, where the Coulomb interaction is strongly biased towards very small energy transfers.
Consequently much higher recoil energies are transferred to lattice atoms by neutrons than by elec-
trons.

Fast neutrons from nuclear fission have energies up to 15 MeV with a most probable value near
1 MeV. They produce mean PKA-energies in structural reactor materials in the region of 10 to 40
keV and large collision cascades are therefore expected. The defect density within an individual
cascade will increase with increasing target mass. This is due to decreasing energy transfers and
consequently larger scattering cross sections. Cascades in light targets are therefore quite large and
diluted, while they are smaller and much more concentrated in heavy targets. Because of the high
defect density in a collision cascade the survival rate of individual Frenkel pairs is low. Segregation
of vacancies in the centre and the high density of interstitials at the periphery makes the escape of
a point defect from a cascade rather unlikely. Most of them will either spontaneously annihilate or
join existing clusters.

The higher defect density obtained during neutron irradiation compared to electron irradiation
gives rise to radiation annealing, which manifests itself as a reduced damage production rate with
increasing fluence. This is partly explained by the recombination of newly created defects with those
produced previously [126], although other mechanisms like formation of defect clusters might also
contribute. For room temperature irradiations of copper alloys with 14 MeV neutrons non-linear
increases of defect densities were observed [127], which follow approximately a

√
φt dependence
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up to fluences ofφt ∼ 1017 n cm−2. As significant cascade overlap effects are only expected at
fluences above 1018 n cm−2, this is a clear indication that radiation-induced annealing occurs even
if cascades are spatially separated.

The annealing of Stage I shows a broad distribution with only slight indications of the different
substages. Most recovery takes place at the temperature of Substage ID, while relatively little is
observed in the region of close pair recovery. A major feature which distinguishes fast neutron
damage from thermal neutron damage (Fig. 13) is the strong reduction of Substage IE and a signif-
icantly higher damage retention above Stage I [125, 128]. Because of the segregation of vacancies

Figure13: ComparisonofStage I recovery spectra in copperafter fast and thermal neutron irradiation.
(From reference [125].)
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and interstitials, this general annealing behaviour of Stage I is expected. In such an environment
the probability of an interstitial to interact with others to form stable clusters is quite high, while
the existence of close pairs is rather unlikely. The suppression of Stage IE is readily explained by
the much higher probability of a single interstitial to annihilate with a vacancy belonging to its own
cascade than tomigrate to a different cascade, where vacancies are screened off by their own intersti-
tials. As diffusion distances of interstitials to vacancies are short within a cascade, quasi-correlated
recombination at Substage ID is strongly enhanced. At higher doses cascades will start to overlap,
but the argument in favour of Substage ID annealing due to small diffusion distances still holds,
although defect retention above Stage I will increase.

With fast neutrons a splitting of Stage III is observed. The higher component shifts to lower
temperatures and eventually merges with the lower one at high doses. The activation energies of
both components are similar and seem to agree with those for electron irradiations. The double
peak is interpreted as quasi-correlated and uncorrelated annihilation of the migrating Stage III defect
within and outside the dense damage zone of an individual cascade. Defect retention above Stage
III is larger than for electron irradiation, but depends on the dose and mass of the target atoms. At
an irradiation dose of 1019 n cm−2 at liquid helium temperature, defect recovery of about 70 to 80%
above Stage III was observed in platinum, gold and silver, while complete recovery was obtained
in aluminum. For the medium mass atoms nickel, copper and palladium recovery was in the range
of 80 to 90% [129]. At irradiation temperatures above Stage III only defect clusters are observed,
which in fccmetals consist of vacancy type stacking fault tetrahedra and triangular loops [127].

C. Radiation Damage with Light Ions

High energy protons, deuterons andα-particles can lead to similar recoil energies as with fast
neutrons. However, due to the strongly decreasing elastic scattering cross section for small impact
parameters, the probability for small energy transfers is dominating. Themajority of recoiling atoms
will therefore produceonly a small number of Frenkel pairs and radiation annealing in pure anddefect
free metals is less pronounced than observed for fast neutrons. However, the introduction of point
defect traps by either quenching, cold-working or alloying the samples prior to irradiation, leads to
a significant increase of the initial defect production rate accompanied by strong radiation annealing
effects [130]. In the case of proton irradiation, fast diffusion normally prevents any build-up of
hydrogen in the target. However, hydrogen can be trapped by other impurity atoms leading to defect
decoration [131, 132]. Surface craters have been observed afterD+

2 implantations in some metals
[133, 134], which are attributed either to blisters created by deuterium coalescence or by clustering
of point defects near the surface.

Damage retention after Stage I in light ion irradiated metals is significantly higher than found
for electron irradiation [135]. The features of Stage I recovery is expected to be somewhere between
those obtained with electrons and fast neutrons. This is illustrated in Fig. 14, showing a calorimetric
Stage I annealing spectrum for deuteron-irradiated copper [136]. In the case of defect saturation,
the close pair recombination peaks disappear for similar reasons as discussed for fast neutron ir-
radiations. Furthermore, the Substages ID and IE merge together and shift to lower temperatures
because the average distance between different Frenkel pairs approach the typical vacancy-interstitial
distance of close pairs. Furthermore, defect retention increases because clustering of interstitials is
becomingmore probable. Cold-working and alloyingwill also increase defect retention during Stage
I annealing [137].
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Figure 14: Calorimetric Stage I recovery spectra of deuteron irradiated copper for fluences of∼
8× 1015 cm−2 and∼ 3× 1015 cm−2. (From reference [136].)

Stage II recovery is mainly due to dissociation and rearrangement of impurity-interstitial com-
plexes. Up to 3 substages are observed in some metals depending on the type of impurity. Intrinsic
recovery in pure metals is small and is probably due to evaporation of interstials from larger agglom-
erates, which then recombine with vacancies. Few distinct peaks are observed; the features of the
recovery curves depend sensitively on the defect structures present after Stage I annealing and are
therefore depending on the initial irradiation conditions.

After Stage II recovery of pure metals the remaining defects are probably mainly di-interstitials
and vacancies randomly distributed in the case of low initial defect density. However, as indications
of more than one process in Stage III annealing is observed in some materials [138], an immobile
interstitial configuration might also survive Stage II annealing. Therefore, what is normally grouped
together as Stage III could possibly contain the two unresolved migration processes of dumbbell
interstials and vacancies. In the case of slightly alloyed metals more stable impurity-interstitial
complexes might also anneal during this stage, leaving only less stable complexes involved at Stage
II recovery.

D. Radiation Damage with Heavy Ions at Medium Energies

Heavy ion implantation into metals will cause damage mainly by collision cascades, creating high
vacancy concentrations in their core regions surrounded by less dense clouds of interstitials. The high
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defect density of the depleted zones is conducive to further vacancy agglomeration, which can lead to
the formation of voids and dislocation loops or stacking fault tetrahedra along closely packed lattice
planes. Collision cascades near the surface may cause craters [139], which are often observed for
low ion energy implantations [140]. At low fluence, overlap between cascade zones is unimportant
and the damaged regions will form islands surrounded by a more or less defect free environment.
However, with increasing fluence they will eventually overlap to form complex and very stable
dislocation networks [141]. Creation of amorphous regions, which is often observed in non-metals
is not expected in pure metals due to the non-directional property of the metallic bond. However,
amorphization is observed in some alloys at low temperatures when defect densities become too high
[142]. Not much microstructural change has been reported for irradiation temperaturesT ≥ 0.6Tm,
but radiation inducedsegregation canoccur in alloysat intermediate temperaturesbecauseofmobility
differences of defects related to its constituent elements.

Direct investigations of damage structures have been conducted by employing transmission elec-
tronmicroscopy (TEM) and field ionmicroscopy (FIM). The latter technique has the ability of atomic
resolution but allows only a very limited choice of target materials. A further limitation is given by
the constraints of the target geometry, which effectively excludes investigations of defect configu-
rations at positions where surface effects can be safely neglected. For determining damage profiles
up to depths of the order ofµm the indirect method ofα-particle channeling in a backscattering
geometry has been widely used.

Many spatial distributions of vacancies in an isolated collision cascade have been determined
by FIM using a pulse field evaporation technique [143]. After low fluence irradiations of tungsten
with energetic ions in the atomic mass range 40≤ A1 ≤ 184, relatively dense depleted zones were
observed. Vacancy densities in these zones were found to be in the region of 10% to 20% for the
heaviest ions and seem not to be strongly dependent on implantation temperature as long as this
is kept below Stage III [144].In situ observations of depleted zones produced by 30 keV ions at
Ti ≤ 15K indicate a decreasing vacancy density with decreasing ionmass [145]. A significant result
is the apparent stability of the depleted zones up to room temperature against collapse into lower
energy configurations. This, however, seems to occur at room temperature with higher fluences,
when cascade volumes start to overlap [146]. Non-linear effects due to cascade overlap were also
observed for irradiation with heavy diatomic molecular ions . After break-up of the bombarding
particle into two components, the near vicinity of their trajectories leads to an increased cascade
overlap probability not only in space but also in time. Such events create large vacancy clusters
embedded in a joint depleted zone. Fig. 15 shows a depleted zone in tungsten created by a single 40
keV Ag+

2 dimer ion atT ≤ 10K containing a total of 675 vacancies, including two clusters of 329
and 110 vacancies each [147].

Apart from the collisional damage in the host lattice, impurity related defects are introduced
except for the case of self-ion implantation. Their structures depend on a variety of parameters like
solubility, diffusion coefficients and impurity-defect interactions. During the relaxation phase the
impurity atoms can move into regular or interstitial lattice sites, be trapped by defects or diffuse out
of the cascade region. Substitutionality of the implanted species is largely governed by the heats of
solution [105]. For high fluences of non-soluble impurity ions segregation is often observed leading
to precipitates [148, 149] or gas bubbles [150]. Phase changes can occur in alloys after high dose
ion implantation [151].

A controversial aspect of radiation damage in metals by heavy ions is still the case of defects
created far from the implanted region. From the energy distribution function of PKA’s shown in Fig. 5
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Figure 15: Depleted zone in tungsten created by a single 40 keV Ag+
2 dimer ion atT ≤ 10K. (From

reference [147].)

it is evident that the total kinetic energy dissipated in a single cascade will on average be in the low
keV range. Cascade diameters are therefore expected to be small compared to the ion range. Field
ion microscopic analyses yielded typical diameters of less than 5 nm for depleted zones in tungsten
[145]. The cascade size is therefore not expected to have a significant influence on the damage range.
Monte Carlo calculations of depth distributions for primary defects display a maximum at a distance
nearer to the surface than the projected ion range (Fig. 16). Experimental damage depth profiles
weremainly determined by either electronmicroscopic orα-particle channeling techniques. Inmany
metals, especially those with anfccstructure, much larger experimental damage ranges were found
thanexpected from theory. Exceptionally largedeviations from theoretical predictionswereobserved
in copper [152, 153], platinum [154], silver and gold [155]. In one of the early studies [156] electron
microscopy was used to investigate the depth distribution of vacancy and interstitial agglomerates in
copper after implanting 5 keVargon ions. Thedistribution of the observed interstitial type dislocation
loops (Fig. 17) extended to a depth at least five times larger than the projected range of approximately
4 nm for the argon ions. To explain this it was proposed that interstitials are moved deeper into the
bulk by replacement collision sequences; after which they agglomerate to form interstitial clusters
beyond the projected ion range. This would imply that interstitials are transported by focusons
over distances of up to 40 lattice positions. Monte Carlo simulations, using for example, the code
MARLOWE, confirm the occurrence of replacement collision sequences. But they rarely reach
lengths of more than 10 lattice positions. It seems therefore rather unlikely that this mechanism is
responsible for the observed enhanced damage range. This mechanism becomes even more unlikely
if results obtained with higher implantation energies are considered. Taking the calculated energy
distributions of PKA’s into account, the above-mentioned mechanism should lead to damage ranges
for argon ions in copper, exceeding projected ranges by a more or less constant value of about 15
nm, independent of the ion energy. However, experimentally determined damage ranges in copper
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Figure 16: Predicted damage and implant distributions in copper for 150 keV argon ions according
to TRIM simulations.

for a particular ion, determined byα-particle channeling in a backscattering geometry, are nearly
linearly dependent on the ion energy [153, 157]. In the case of argon ions the thicknessRD of the
damaged region extends approximately 5 times deeper than the projected rangeRP (Fig. 18), which
is similar to the factor found for the 5 keV implantation.

Interstitial transport by replacement collision sequences can therefore certainly not explain the
extreme damage ranges found at higher energies. Because of the relatively high doses and the
accompanying high damage levels, channeling effects can also not explain the observed large ranges
[158]. As an alternative explanation it was proposed that deep damage is due to migration and
eventual agglomeration of interstitials, which are thought to be copiously produced in collision
cascades. However, according to molecular dynamic simulations discussed in chapter II-E, this last
assumption is most probably not correct. According to such calculations, very few of the created
interstitials survive the subsequent thermal spike phase. For a typical 5 keV cascade in copper only
about a dozen interstitials escape recombination during this phase, which is significantly less than
predicted by the modified Kinchin-Pease estimate.

More insight into themechanism responsible for the enhanced damage ranges was obtained from
systematic investigations of the effect different implantation parameters have on this phenomenon.
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Figure 17: Depth distribution of interstitial dislocation loops in copper after implanting 5 keV argon
ions. (From reference [156].)

Anextensive studyof a variety of ion-target combinationsat different energiesand temperatures [159]
confirm the linear dependency of damage ranges on ion energy for a given ion-target combination
(Fig. 19). For the investigated energies the relative damage rangeRd/Rp is nearly independent of
energy, but very different for different ion-target combinations. Obviously it increases for a given
target with increasing ion mass as is illustrated in Fig. 20. For the heaviest ions damage ranges of
almost 10 times the projected range were observed in copper. Some workers [160] report, that dense
dislocation networks even occur 20µm and 50µm beyond the target surface after implanting 100
keV Ti+ and Zr+ ions respectively into copper with a fluences of 1017 cm−2. This would imply
defect formation in a region about 2000 times deeper than the projected range in the case of the
heavier ion. It was suggested that this is due to the static and dynamic mechanical stress created
in the implanted surface zone. No systematics of enhanced damage ranges concerning the target
atomic mass is observed, but a dependence on lattice structure seems to be indicated as the largest
deviations occur in metals with anfccstructure.

Most of the experimental results are difficult to reconcile with the mechanism of point defect
migration, which assumes that mobile interstial atoms move deep into the bulk of the metal before
they agglomerate to form stable dislocation loops. Especially the linear energy dependence seems to
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Figure 18: Experimental damage depths in copper for different ions as a function of ion energy.
(From reference [153].)

be problematic, as it is not obvious at all why interstitial atoms created in a typical collision cascade
should travel further in a lattice before being stopped simply because the implanted ion had originally
a higher energy. It would also imply a dependence on activation energy, which should lead to similar
damage ranges in all solids with comparable migration energies. In this respect it is noteworthy,
that enhanced damage ranges are up to now only observed in metals and not in semiconductors and
insulators, although their migration energies are comparable. Taking further the apparent structure
dependence into consideration, a mechanism based on dislocation dynamics seems to be much more
plausible.

According to the interstitial migration hypothesis, damage depth profiles should agree with theo-
retical predictions at sufficiently low temperatures, where point defect mobilities become negligible,
while only a weak temperature dependence would be expected for a process driven by dislocation
propagation. In order to distinguish between these two possible processes, implantations andin-situ
analyses of copper and molybdenum single crystals were performed at low temperatures [155, 161].
Copper, which has anfccstructure, was chosen because of the large number of data already available
for room temperature implantations, while molybdenum was of interest because of its differentbcc
structure. Implantations were done either below or just above annealing Stage I and defect profiles
were obtained byα-particle channeling analyses. An experimental defect profile in copper after
implanting 150 keV argon ions at 50 K is depicted in Fig. 21 together with the vacancy distribution
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Figure 19: Damage ranges in some metal targets as a function of argon ion energy for room temper-
ature implantations. (From reference [157].)

predicted by TRIM. The defect distribution, which disagrees radically with the theoretical prediction,
did not change significantly during warming up to room temperature. The damage range, defined
as the distance from the surface where the defect density drops to 50% of its maximum value, is
approximately four times larger than the TRIM estimate of 85 nm. This is similar to the result found
for room temperature implantations. A defect density profile for an implantation at 5 K is shown
in Fig. 22. The damage range determined at this temperature is again about four times larger than
the TRIM prediction. After warming up to liquid nitrogen temperature the defect distribution did
not change within the experimental uncertainty. However, when the sample reached room tempera-
ture, a significant increase in the overall defect density was observed, although the damage range of
approximately 330 nm was unchanged.

Defect profiles in molybdenum after argon implantation at 20 K are shown in Fig. 23 for various
annealing stages. Also shown is the defect profile obtained after room temperature implantation,
which is almost identical with the one obtained at the low temperature. After warming up from
20 K to 77 K practically no change is observed, but at the next two annealing steps at 182 K and
room temperature appreciable increases of the defect density takes place. Similarly as with copper,
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Figure 20: Relative damage ranges in some metal targets as a function of ion mass for room temper-
ature implantations. (From reference [157].)

damage ranges are found to be independent of the implantation and annealing temperatures. Also,
as is the case for copper, an increase of the relative defect density is observed for the cold implants
only after warming up above liquid nitrogen temperature.

In both of the above-mentioned metals recovery Stage I is in the vicinity of 40 K. Only above
this temperature free migration of interstial atoms is possible. The deviation of the experimental
damage ranges from the theoretical predictions can therefore not be ascribed to long rangemigration
of interstitial atoms. The stability of both defect profiles up to 77 K shows furthermore that mobile
interstitials are not even available after passing recovery Stage I. Only at an appreciably higher
annealing temperature the defect densities of the cold implants started to increase. This is possibly
due to dissociation of interstitial clusters at recovery Stage II, which occurs somewhere between 100
K and 200 K.

The similarity of the defect profiles for implantations below Stage I and at room temperature im-
plies, that even at room temperature, point defects do not have any significant influence on the defect
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Figure 21: Relative damage depth profile in copper after implanting 5× 1015 Ar+ cm−2 at 50 K
compared with the vacancy distribution predicted by TRIM. (From reference [155].)
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Figure 22: Relative damage depth profile in copper after implanting 5× 1015 Ar+ cm−2 at 5 K and
after warming up to room temperature compared with the vacancy distribution predicted by TRIM.
(From reference [155].)
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Figure 23: Relative damage depth profiles in molybdenum after implanting 5× 1015 Ar+ cm−2 at
20 K before and after warming up to 77 K, 182 K and 300 K. Also shown is the profile after room
temperature implantation and the TRIM prediction. (From reference [161].)
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density. This is probably partly due to the fact that only a small percentage of point defects created in
collision cascades survive the subsequent thermal spike phase. As furthermore their mobility is high
at room temperature, most of the remaining interstitials will escape from the implantation region
without having any influence on the defect structure.

The situation is quite different for implantations below Stage I, where interstitial atoms cannot
leave the implanted region. Therefore, with increasing point defect density in this region, interstitial
atoms tend to formclusterswhichonly dissociate atStage II. Afterwarmingupabove this temperature
interstitial atoms are released from the clusters in relatively large numbers with mobilities still rather
low and a much higher probability of being trapped in the now fully developed defect structure than
in the previous case. This would explain the increases of the defect density at higher annealing
temperatures observed in both metals after being implanted at temperatures below Stage I.

Table 1 summarizes the results for argon implantations into metals. From this table it is quite
obvious that relativedamage ranges inmostmetals are significantly larger than theoretically expected.
It also indicates that this phenomenon is more pronounced infcc than inbcc andhcp structures,
although the difference is not very distinct and debatable in viewof the limited number of investigated
metals belonging to the last two groups.

Table 1: Relative damage depths after argon implantation in metals at different energiesEAr and
temperaturesTi analysed at temperatureTa . Rp is the theoretical projected range andRd/Rt the
ratio of the experimental and theoretical damage depth as defined in the text.

Material Structure EAr (keV) Ti (K) Ta (K) Rp (nm) Rd/Rt

Cu<111> fcc 150 300 300 67 4.2
Cu<111> fcc 150 50 50 67 4.2
Cu<111> fcc 150 5 5 67 4.0
Ag<100> fcc 150 300 300 69 3.9
Ag<100> fcc 130 77 300 60 4.4
Au<311> fcc 130 77 300 47 5.3
Pt<111> fcc 150 300 300 48 4.3
Pt<111> fcc 150 77 300 48 4.8
Pd<111> fcc 150 300 300 57 2.9
Pd<111> fcc 150 77 300 57 3.3
Ni<100> fcc 150 300 300 63 2.4

Fe<111> bcc 150 300 300 67 1.5
Mo<110> bcc 150 300 300 67 2.3
Mo<110> bcc 150 20 20 67 2.3

Co<0001> hcp 150 300 300 64 1.7
Re<0001> hcp 720 300 300 220 1.1

To understand the deviations from the theoretical damage profile depicted in Fig. 16, one has
to bear in mind that the vacancy distribution computed by TRIM does not account for dynamical
processes taking place after the initial collisional phase has subsided. Especially the sharp density
fluctuations [162] expected during the thermal spike phase (Fig. 24) can profoundly impact on

127

D
ow

nl
oa

de
d 

by
 [

U
ni

ve
rs

ity
 o

f 
O

ta
go

] 
at

 2
0:

36
 2

5 
D

ec
em

be
r 

20
14

 



the final defect structure. As the time in which an individual ion is stopped is much shorter than
the life time of the thermal spike phase, all collision cascades along a particular ion track interact
simultaneously with the crystal lattice. This should give rise to a shock wave, which could dissipate
its energy by a variety of interactions with the lattice. Some of them can lead to the creation of
dislocations. The depth beyond the ion range at which dislocations can still be produced depends on
the rate at which the energy is transferred to the lattice and on the minimum energy needed to create
a dislocation. Because of this latter factor, the observed damage depths should somehow reflect the
structure dependence of the Peierls force. This force, which is the minimum force needed to move a
dislocation in a lattice, is known to be small forfcc lattices and furthermore depends only weakly on
temperature. The results listed in Table 1 seem to support an explanation of the observed enhanced
damage ranges in metals by such a mechanism.

E. Radiation Damage with Heavy Ions at High Energies

For heavy ions with energies in the region of several MeV per nucleon, stopping is mainly due to
inelastic electronic excitations while the cross section for elastic encounters with the target atoms
becomes very small. Until about a decade ago it was therefore believed that swift heavy ions
would not cause any damage in metallic targets. The general consensus was that the rapid smearing
out of perturbations in a free electron gas would prevent localized energy transfer to the crystal
lattice. According to this argument the energy deposited near an ion track is distributed in a very
short time (t<∼10−14 s) over a large volume while the high mobility of Bloch electrons would
almost immediately screen off ionized atoms. This would effectively prevent local melting and
Coulomb repulsion effects. Of course such an argument is only valid as long as the magnitude of
the perturbation does not exceed a critical value above which sufficient energy is transferred to the
lattice during the electronic relaxation time to cause damage. This critical energy deposition density
will depend on the electronic and thermal properties of the target material.

The first evidence of amorphization of a crystallinemetallic alloy by electronic stopping of 3GeV
uranium ions was published in 1990 [163], while structural changes in metallic glasses had already
been observed some years before [164, 165]. With the growing availability of heavy ion beams in
the GeV energy range a large number of further cases including alloys [166, 167] and pure metals
[167, 168, 169, 170] were reported in the following years. The threshold for damage by electronic
interaction is found to be in the stopping power region of|dE/dx|e>∼ 10 keV/nm. Metals sensitive
to electronic slowing down of fast heavy ions include bismuth, gallium, titanium, cobalt, zirconium
and iron. In addition to this inelastic damage production, annealing of defects created by elastic
collisions were detected in iron, nickel, niobium and platinum [171, 172]. On the other hand, no
sensitivity to electronic stopping has yet been observed inmetals like copper, palladium, tin, tungsten
and gold. Of course this separation in two groups is somewhat artificial, as it is obviously based on
the current limitations of available experimental stopping powers. By extending experiments to still
higher stopping powers, as are for example attainable with high energy heavy ion clusters, the last
group of metals might also display electronic stopping effects.

Because of the relatively low fluxes of fast heavy ions generally available, damage is mostly ob-
served as isolated latent tracks due to single ions. Normally they consist of amorphous or disordered
zones in alloys [173] and highly defective crystalline structures in metals, including transformation
to high-pressure phases [174]. For electronic stopping powers near threshold, tracks often consist of
a row of droplets, while continuous cylindrical strings of damaged material is observed with higher
stopping powers [169, 175, 176]. Track radii are of the order of 10 to 30 nm and are for a given
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Figure 24: Density and temperature profiles for a 5 keVcascade in copper at three instants of time.
(From reference [162].)
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stopping power inversely dependent on ion velocity [177]. Annealing experiments of low tempera-
ture irradiated samples show a complete absence of Stage I [170], proving that no Frenkel pairs are
present. Plastic flowofmaterial perpendicular to the ion trajectory occurs in amorphous targets above
an incubation fluence [178, 179, 180, 181, 182, 183, 184]. This anisotropic deformation exhibits no
saturation at high fluences and leads to target shrinkage along the beam direction without volume
change. This seems to be a universal phenomenon in all amorphous solids but does not occur in
crystalline materials. In this context it must also be noted that the sensitivity to electronic stopping
is much higher in an amorphous alloy than in its crystalline counterpart [185].

Two different theoretical approaches have been employed to explain defect production in metals
by electronic stopping:

1. Thermal Spike Model. [186, 187, 188, 189, 190, 191, 192, 193].

2. Coulomb Explosion Model. [167, 178, 194, 195, 196, 197]

The Thermal Spike Model assumes that sufficient energy is transferred from the electron gas to the
lattice to melt the immediate neighbourhood of the ion track, which then recrystallizes during rapid
quenching. This can be considered in a first approximation as a mechanism consisting of three
independent steps. In the first step the electron gas is heated byδ-electrons having typical flight
times of the order of 10−15 s. Energy transfer to the lattice during the second step is then governed
by the electron-phonon coupling constantgep and is equal togep(Te − Tl) per unit volume and unit
time, withTe andTl the instantaneous temperatures of the electron gas and lattice respectively. The
coupling constant depends on Debye temperature, electron density and electronic thermal conduc-
tivity. Parameters governing the final step of melting and recrystallization are specific heat, melting
temperature, latent heat of fusion and lattice thermal conductivity. According to this model materials
sensitive to electronic stopping should be those with strong e-p coupling and low melting temper-
atures. Comparison of experimental results with theoretical predictions concerning track radii and
electronic stopping power thresholds show fair qualitative agreement. The much higher sensitivity
of amorphous metals can also be understood in terms of the significantly lower electron mobilities
than in the crystalline state. Furthermore the annealing effect of electronic stopping, whichmanifests
itself as a decreasing damage efficiency of nuclear stopping, can be satisfactorily described by the
Thermal Spike Model [192, 193].

An alternative explanation for the electronic stopping sensitivity of metallic solids makes use of
the Coulomb Explosion Concept, which already has been successfully applied to insulators. In this
view an highly ionized cylindrical region is created along the ion track with a lifetime long enough
to displace atoms by the repulsive Coulomb forces. The primary ionization by inelastic collisions of
swift heavy ions produces a relatively high density ofδ-electrons, which causes secondary ionization
in a shell around the original ion track. The total space charge along the ion track is expected to build
up in a time much shorter than one plasmon period (∼ 10−16 s) and should not survive longer than
10−15 s in metallic systems before being screened off by conduction electrons. During this time a
radial impulse acts on atoms within the ionized region transferring an energy of the order of 1 eV/at.
This is sufficient to overcome energy barriers between regions of different atomic configurations in
metallic glasses, which would explain the observed anisotropic plastic deformation in amorphous
targets. In a crystalline target displacement energies are approximately one order of magnitude
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larger and only phonons can therefore be excited. Such a collective excitation can produce strong
dynamical disorder in materials with low frequency phonon modes, which may lead to displacive
phase transitions in metals or amorphization in alloys. Strong evidence for this mechanism is the
observed dependence of the damage cross section on electronic stopping power in titanium and iron
as illustrated in Fig. 25. In this representation the damage cross section is plotted as a function of the

Figure 25: Cross section for damage creation by electronic excitation in Ti and Fe as a function of
η = z∗v0/v. The doted line corresponds to anη8 relationship. (From reference [196].)

dimensionless parameterη = z∗v0/v with z∗e the ion’s effective charge andη2 roughly proportional
to the electronic stopping power. The experimental results [171] indicate a|dE/dx|4e relationship
in agreement with theoretical expectations [196].
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F. Spatial Ordering of Irradiation Induced Defect Structures

An intriguing phenomenon is the often observed ordering of defect structures after high-dose particle
irradiation of metals and alloys, displaying a regular pattern related to the lattice structure of the
material. Suchself-organizedstructureshavebeenobserved for extendeddefects like voids [198, 199,
200], gas bubbles [201, 202], stacking-fault tetrahedra and planar defect walls [203, 204]. Ordering
of voids evolves from a uniform defect distribution during implantation of heavy ions or fast neutrons
at high-temperatures (Ti ∼ 0.3Tm). In fcc andbccmetals they display a three-dimensional lattice
structure similar to that of the host material, while inhcpsystems only two-dimensional ordering
takes place leading to hexagonal void layers parallel to the basal plane. The ratio of the lattice
parameters of the defect and crystal structure depends on the material and is not much influenced
by irradiation conditions. Bubble lattices form at ambient temperatures and conditions resembling
those for void lattices during implantation of inert gas ions. However, their lattice parameter ratios
and bubble radii are smaller than those found for void lattices. Characteristic properties of such
superlattices are uniform defect sizes and high stability against thermal and irradiation annealing.
The evolution of superlattices starts at low fluences with the growth of randomly distributed defect
structures,whichgraduallyalign themselveswith increasingfluencealongcrystallographicdirections
of the host lattice. This alignment starts at first in some isolated regions, which eventually grow
together, typically exhibiting edge dislocations at their boundaries. Other imperfections like vacant
sites do also normally occur. Fig. 26 [199] shows a typical ordering of voids in molybdenum
after implanting 2 MeV nitrogen ions with a dose of approximately 1018 cm−2 at 8700C. The voids
display abccstructurewith a superlattice parameter of∼22nmandaxes in exact coincidencewith the
crystallographic orientations of the underlying molybdenum lattice. Self-organization of stacking-
fault tetrahedra occurs during irradiation with 1 MeV electrons and fluences above 1023 e− cm−2 in
copper and silver at temperatures of 150 K<∼ Ti <∼ 350 K [203]. At the lower end of this temperature
range simple cubic patterns are observed with a lattice parameter of approximately 7 nm, while at
the higher temperatures periodic defect walls appear. Planar walls of point defect agglomerates with
a periodicity of 60 nm have also been obtained in copper during high-dose irradiation with 3 MeV
protons [204].

A number of theories have been put forward to explain the occurrence of self-organized mi-
crostructures induced by high-dose irradiations. Although different mechanisms occurring at largely
different irradiation conditions are probably responsible for the ordering of different defect types,
the general reason is anisotropic and energy-dissipative matter transport under non-equilibrium con-
ditions. One process belonging to this kind is point defect clustering during random Frenkel-pair
production [205, 206], which is assumed to form the basis of the observed ordering of stacking-fault
tetrahedra after prolonged electron irradiation [207]. An analysis applying rate theory to model the
evolution of immobile point defect clusters interacting with mobile point defects [208] was able to
show that a uniform distribution of defect structures becomes unstable at high doses, leading to the
formation of regular patterns with a transition to defect walls at still higher fluences. This mech-
anism, however, cannot explain the formation of void lattices at elevated temperatures, where the
highly mobile interstitials prevent a built up of the necessary monovacancy concentration. An alter-
native explanation for void lattices has been proposed in terms of the two-interstial model [209, 210].
According to this approach the difference in dynamical anisotropy of crowdions, which can only
move one-dimensionally, and dumbbell interstitials, moving three-dimensionally through the lattice,
causes neighbouring voids aligned along crystallographic axes to grow while non-aligned voids will
vanish.
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Figure 26: The projection of abcc lattice along the [010] and [011] directions together with TEM
micrographs of the corresponding void arrays in molybdenum after 2 MeV implantation of 1018 N+
cm−2 at 9500C. (From reference [198].)
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V. Conclusion

After more than half a century of intensive research on radiation damage in metals, an overall picture
on the general principals and mechanisms responsible for defect creation and defect dynamics has
emerged. There are, however, some areas where a clear understanding of observed effects is still
lacking.

One outstanding problem is revolving about the role different interstitial configurations play in
annealing of electron irradiated metals at low temperatures. The question whether Stage I annealing
is due to migration of crowdion or dumbbell type interstials is not yet finally answered, although
the existence of static crowdions in most metals seems to be confirmed by computer simulations.
Furthermore the observation that in some metals Stage IV annealing is missing needs an explana-
tion. Is the reason behind it that in those metals the activation energies for migration of two different
defects are fortuitously similar to each other, resulting in an overlap of Stages III and IV? If this is so,
what type of defects are migrating at this temperature and have dumbbell interstials and vacancies
comparable migration activation energies?

Another field where more information is needed is concerned with the occurrence of enhanced
damage ranges infccmetals after heavy ion implantation. According to the author’s knowledge, no
computer simulations have up to now been able to simulate this phenomenon. The question whether
implanted ions produce shock waves, transporting sufficient energy into the bulk to produce dislo-
cations at depths far beyond the ion’s range, can probably only be answered by theorists applying
appropriate models.

Finally, the explanation of the damage produced in many metals by electronic stopping of fast
heavy ions is still controversial. Both the Thermal Spike Model and the Coulomb Explosion Model,
provide plausible reasons for this effect. Probably both mechanisms are relevant with varying
dominance—depending on the e-p coupling constant and thermodynamic properties of the particular
metal involved.
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